ABSTRACT: An experimental study was made of the effects of prior molecular orientation on large tensile deformations of polystyrene in the glassy state. A new hybrid glass-melt constitutive model is proposed for describing and understanding the results, achieved by parallel coupling of the ROLIEPOLY molecularly-based melt model with a model previously proposed for polymer glasses. Monodisperse and polydisperse grades of polystyrene are considered. Comparisons between experimental results and simulations illustrate that the model captures characteristic features of both the melt and glassy states. Polystyrene was stretched in the melt state and quenched to below T g , and then tensile tested parallel to the orientation direction near the glass transition. The degree of strain-hardening was observed to increase with increasing prior stretch of molecules within their entanglement tubes, as predicted by the constitutive model. This was explored for varying temperature of stretching, degree of stretching, and dwell time before quenching. The model in its current form, however, lacks awareness of processes of subentanglement chain orientation. Therefore, it underpredicts the orientation-direction strain hardening and yield stress increase, when stretching occurs at the lowest temperatures and shortest times, where it is dominated by subentanglement orientation. 
INTRODUCTION As demonstrated by a wide range of polymer products, molecular orientation is one of the fundamental parameters that determine the mechanical response of a melt processed, thermoplastic polymer. 1 The degree of orientation present within a particular product is a complex function of its rheology and the process parameters employed. The rheological behavior itself is intrinsically linked to the molecular weight and its distribution, and the chain architecture, as well as the presence of any additives. Consequently, as industrial polymer processing engineers have long known, mechanical properties of practical importance such as Young's modulus, yield stress, and fracture toughness in any given direction are highly sensitive to the grade of polymer employed and the flow history encountered during processing. [2] [3] [4] [5] [6] [7] [8] [9] Therefore, it is of great practical interest to understand better the development of frozen-in molecular orientation during melt processing, and the relationships between this orientation and resulting solid-state properties. In particular, there is an engineering need to achieve a predictive capability, for use in optimizing polymer products.
Progress toward predicting the large deformation solid-state performance of polymer products with process-induced molecular orientation requires a constitutive model applicable to both solid and melt states. In the melt, molecules are oriented by the flow and stretched within their entanglement constraint tubes. Any subsequent solid-state deformation leads to a continued evolution of orientation and stretch, in parallel with short-range effects such as segmental diffusion and structural evolution. A model is required that is sufficiently comprehensive to capture this range of behavior. Moreover, a desirable feature of such a model would be the incorporation of information about the chemical structure of the polymer, such as molecular length and architecture. This would enable the concurrent design of compatible materials and processes to produce optimized products with the desired properties.
A basis for finite deformation constitutive models of amorphous polymeric solids is provided by the one-dimensional model of Haward and Thackray. 10 Two contributions are ascribed to the free energy and hence the stress, arising from (a) perturbation of interatomic potentials, relaxed by isotropic segmental flow, and (b) perturbation of conformational entropy of the entangled molecular network, represented in the glassy state as a crosslinked network. These ideas have been incorporated into fully three-dimensional constitutive models by several researchers. Examples of studies that employed this kind of description include those of Buckley and coworkers, [11] [12] [13] Boyce and coworkers, 14, 15 and Govaert and coworkers. [16] [17] [18] A notable feature of such a model is that all the strain-hardening observed experimentally at large deformations is attributed to the nonlinear elasticity of contribution (b) above. Various free energy functions originating from rubber elasticity theory have been employed to capture this. Although such models have proved useful phenomenological tools for describing the constitutive behavior of initially isotropic polymers below T g , at constant temperature and strain-rate, they all exhibit important inconsistencies with the underlying polymer physics. For example, the apparent crosslink density required to fit the experimental observations is orders of magnitudes larger than the entanglement density evaluated from melt rheology. 19 In addition, the strain-hardening is rate-sensitive, 20 inconsistent with the elasticity of a crosslinked network, and reduces with increase in temperature, 18, 21 inconsistent with entropic elasticity. Moreover, Govaert and Tervoort also found that for polycarbonate, the strain hardening increased with increasing molecular weight. 18 This is in contrast with the widely held view that the entanglement density is, at a given temperature, an intrinsic property of the polymer itself and does not depend on molecular weight.
For all these reasons, there is growing recognition that the form of constitutive model described above is inadequate to capture large deformations in polymer glasses over a wide range of rate and temperature. There may be two physically separate processes causing this. (I) Near and above the glass transition, the conformational entropy of the entanglement network begins to relax on the experimental time-scale, by molecular diffusion within the tube. Therefore, the entropic stress contribution from the entanglement network is expected to become elastoviscous, and to exhibit the forms of dependence on rate, temperature, and molecular weight observed. (II) Deep in the glassy state, where tube diffusion is expected to be frozen, the rate and temperature dependence of the strain hardening may indicate that it has been mis-attributed to the entanglement network. If most of the strain-hardening comes instead from strain-dependence of the resistance to segmental flow, the experimental observations can be explained. [20] [21] [22] Since this work requires a constitutive model that spans both the melt and glassy states, we focus attention on incorporating process I identified above into the constitutive model of a polymer glass. Several previous authors have addressed this question and have modified constitutive models for polymer glasses by incorporating a representation of the relaxation of conformational entropy. In all cases to date, the approach adopted was phenomenological, aimed at achieving a good match to experiment, to provide an effective capability for modeling highly elastic flows just above the glass transition encountered, for example in thermoforming and stretch-blow molding processes. Examples of this approach are the studies of poly(methyl methacrylate) by Dooling et al. 23 and more recently by Dupaix and coworkers, 24 and of poly(ethylene terephthalate) by Buckley and coworkers 25 and Boyce and coworkers. 26 Useful empirical fits to data can be achieved in this manner, but the approach has two major disadvantages. First, the constitutive description does not extend deep into the melt, to provide a unified constitutive model that also captures melt rheology further upstream in the flow history that may still impact on eventual solid state properties. Second, phenomenological models lack molecular awareness: they cannot predict the consequences of changing molecular structure or chain length. Therefore, they preclude a genuinely holistic design of polymer, processing and part that is the eventual goal of modeling.
Meanwhile, in a separate development, there has been much recent progress in formulating molecularly aware rheological models for polymer melts. Deformation of monodisperse linear polymer melts, where the interaction between stretching and relaxation of the entanglement network dominates the behavior, has been successfully modeled by McLeish and coworkers using a full, molecularly based, linear constitutive theory of polymer melts. 27 The ROuse model for LInear Entangled POLYmers, known as the ROLIEPOLY model, was derived subsequently as a mathematical simplification of the full linear theory, more amenable to large-scale computation. 28 This constitutive equation was implemented in a Lagrangian flow solver 29 and has been deployed with great success, to accurately predict the flow of melts in complex geometries. [30] [31] [32] In view of the success of this approach deep in the melt state, this work explores its ability to capture the rheology in highly elastic flows nearer to the glass transition, by providing a molecularly based description of the process I referred to above.
Thus, a new hybrid glass-melt constitutive model is proposed here that aims to capture deformation in both the glassy and melt states. The model consists of a set of ROLIEPOLY equations that govern the conformational entropy elasticity of the polymer and its relaxation by tube diffusion in the melt, and a multi-mode glassy constitutive model for deformation of PS developed previously in the Oxford laboratory. 13 The combined model is parameterized through the full linear viscoelastic spectrum.
The model was used in interpreting the results from an experimental study of the constitutive responses of three grades of atactic polystyrene (PS), including the effects of molecular orientation induced by stretching above the glass transition. The linear melt rheology of the three PS grades was characterized to extract the relevant material properties to be used in the POLIEPOLY part of the model. Much of the characterization of the glassy part of the model was based on the previous experimental results of Wu and Buckley. 13 The two monodisperse grades and one polydisperse grade of amorphous PS were oriented at a range of temperatures in the melt. Initially isotropic specimens were stretched uniaxially at different temperatures above T g , to different draw ratios, followed by different durations of stress-relaxation before quenching to below T g . The conditions used were chosen so as to explore a wide range of degrees of molecular orientation. The resulting specimens were then drawn in tension below T g , parallel to the original stretch direction, to measure the effects of melt state orientation on their constitutive response in the glassy state.
EXPERIMENTAL

Materials
The materials used in this study were two samples of monodisperse linear atactic PS (PDI ¼ M w /M n < 1.15) and one sample of polydisperse linear atactic PS (Dow GP680E base polymer with no additives). The codes used to refer to the materials in this article are consistent with previous publications on these polymers. 33, 34 Monodisperse materials AF and AG were synthesized by living anionic polymerization at Durham and were provided by Dr. Lian Hutchings of the University of Durham, whereas polydisperse material R was provided by the Dow Chemical Company. Molar mass measurements were kindly performed by Dr. Hutchings by size exclusion chromatography (SEC) on a Viscotek TDA 302 machine with refractive index, viscosity, and light scattering detectors, and results are given in Table 1 .
Differential Scanning Calorimetry
The glass transition of all three polystyrene samples was studied using differential scanning calorimetry (DSC) with a TA DSC Q10 instrument. DSC runs consisting of a heating ramp to 160 C, a cooling ramp to 60 C, and a reheating ramp to 160 C, all conducted at 10 C min
À1
, were repeated three times for each material. T g was identified for each run using the TA Universal Analysis 2000 Version 4.3A software's onset-end intercept method. Average values of T g for each material are given in Table 1 .
Rheometry
Linear melt rheology in shear was analyzed for all materials using an Ares L2 rheometer with 10 mm parallel plates. A temperature range of between 130 C and 230 C was used. The curves of G 0 and G 00 versus log(frequency) were shifted using time-temperature superposition to provide a single master curve for each polymer at a reference temperature of 170 C. The master curves are shown in Figure 1 .
Nonlinear rheology was analyzed for all materials using an Ares L2 rheometer with 10 mm diameter cone and plate in transient shear, and with a Sentmanat extensional rheometer fixture 36 in extension. A temperature of 170 C was used, with applied strain rates ranging from 0.01 s À1 to 6 s À1 in shear and 0.06 s À1 to 10 s À1 in extension. Measurements of viscosity are plotted against time in Figure 2 .
Production of Isotropic Specimens
The starting specimens used in this work were all in the form of isotropic bars of PS, formed by compression molding. Owing to the limited quantities of the monodisperse materials available, and the brittle nature of polystyrene, a technique for near net shape production of small parallelepipedic bars was employed. The aim was to minimize material waste and to keep stress applied to specimens during their removal from the mold to a minimum.
A steel mold consisting of upper and lower steel plates, with a central steel multiple cavity plate 0.5 mm in thickness, was used to mold rectangular bars in a hand-operated hydraulic press with heated platens. The central steel cavity plate ensures accurate location of the removable steel inserts, which define the specimen geometry and allow for easy removal of the specimens after molding. Fresh sheets of disposable 0.15 mm thick soft temper 1200 aluminum foil obtained from Multifoil Ltd were sandwiched between the top steel plate and the cavity plate, and the bottom steel plate and the cavity plate to provide a repeatable surface texture on the molded specimens. The foil sheets, the mold cavity plate, and the inserts were lightly sprayed with a dry PTFE mold release aerosol, before each molding operation. Each cavity of the mold was then filled with a small excess of polymer before placing the mold between preheated press platens.
The mold reached the molding temperature of 170 C in $10 min, during which time the platens were slowly closed.
The clamping force was then cycled manually for a period of 5 min to dislodge any trapped air bubbles. The mold was held at 170 C at moderate pressure for a further 10 min, and then cooled to room temperature at a rate of ca 15 C/ min by flushing cold water through cooling channels in the press platens. The mold was removed from the press when the temperature reached 70 C. The temperature during a typical molding cycle, monitored with an embedded thermocouple can be found in our previous report. 33 The moldings were verified as optically isotropic. Small amounts of flash were removed from the sides of the specimens after molding using fine grades of abrasive paper. Typical specimens produced with this mold have dimensions of 80 mm Â 6 mm Â 0.5 mm, although other geometries are possible.
Production of Oriented Specimens
Molecular orientation was introduced by melt drawing the prismatic bars of PS in an Instron 4204 testing machine fitted with an environmental chamber at a range of temperatures T around and above T g , at a constant crosshead velocity corresponding to a nominal strain rate of 0.02 s À1 . The bars were gripped using pneumatic grippers, with the lower grip actuated after 12 min, when the oven temperature settled. They were then stretched uniaxially to a range of draw ratios k between 2 and 4, and then quench cooled to below T g , using a cold spray applied at the end of the drawing process, giving an initial cooling rate of $15 C/s. In some experiments, a dwell time t was allowed at the end of stretching, for isothermal stress-relaxation to occur at constant grip displacement, before quenching. Strain was measured using an Instron noncontact video extensometer tracking black marks applied on the sample using a water-based ink. Temperature was monitored throughout the experiments using two thermocouples positioned close to the bars. The tensile load was recorded throughout the orientation and dwell process. The oriented bars were then stored at room temperature before redrawing.
To explore systematically the separate roles of the three variables T, t, and k, three procedures were followed:
Procedure I, Varying T The monodisperse materials AF and AG and the commercial polydisperse material R were hot-drawn at a range of temperatures T from 105 C to 135 C, to a fixed draw ratio k ¼ 3 at a constant nominal strain rate 0.02 s À1 , and immediately quenched using the cold spray.
Procedure II, Varying t
The polydisperse material R was hot-drawn at a temperature T ¼ 105 C, to a fixed draw ratio k ¼ 3 at a constant nominal strain rate 0.02 s
À1
, and a range of dwell times t from 1 s to 3000 s were allowed before quenching, to allow relaxation to take place at the draw temperature.
Procedure III, Varying k The monodisperse materials AF and AG and polydisperse material R were drawn to a range of draw ratios k from 2 to 4 at a constant nominal strain rate 0.02 s À1 at a temperature A summary of the procedures is presented in Table 2 , with the parameters used as variables highlighted in bold.
The production of oriented specimens was challenging for a variety of reasons: in general, the limited availability of materials precluded repetitions of the tests; at low draw temperatures, the specimens were prone to either brittle fracture or to the formation of inhomogeneous deformation zones, or necks; at high draw temperatures, the specimens were prone to failure at the grips. The range of temperatures and dwell times reported here indicate the range in which uniform specimens were able to be both produced and retested in the glassy state. In the cases where inhomogeneous deformation was visible, the specimens have been excluded from the analysis.
Sub-T g Testing of Oriented Specimens
All the oriented bars were tested in uniaxial tension in the same Instron testing machine as used for the orientation process, with the environmental chamber at a fixed temperature T r ¼ 96 C 6 1 C, and a constant crosshead velocity corresponding to a nominal strain rate of 0.001 s À1 . This temperature was chosen in the narrow temperature window between T g and the temperature at which some of the bars became too brittle to test. The oriented bars were gripped in the same manner as for the orientation process. They were tested until failure, or until visible necking ensued. In general, necking was suppressed in the oriented bars, occurring infrequently and only in the bars preoriented at the highest temperatures. Strain was measured using an Instron noncontact video extensometer. Because of the tendency of some bars to stress-whiten at large extensions, the oriented bars were painted black using a water-based ink and silver reflective marks applied over the black ink were tracked by the extensometer. Figure 3 (a-c) illustrates measured stresses as a function of nominal strains for the bars oriented according to Procedure I, for the materials AF, AG, and R. The plots are on identical axes to illustrate the differences across the materials on the glassy response. Figure 4 illustrates measured stresses as a function of nominal strains for the bars of polymer R oriented according to Procedure II, drawing at 105 C and varying the dwell time t. Figure 5 (a-c) illustrates measured stresses as a function of nominal strains for the bars oriented according to Procedure III, varying the draw ratio during hot-drawing. Again the plots are on identical axes to illustrate the effects of the differences in draw ratio on the glassy response.
CONSTITUTIVE MODEL
Basis
The following is a fully three-dimensional constitutive model for amorphous polymers, combining the Oxford Glass-Rubber (GR) constitutive model proposed first for irrotational displacement fields 11 and later for generic displacement fields, 13, 23 with the ROLIEPOLY constitutive equations of Likhtman et al. 28 The combined model is based on the assumption that in a deformed amorphous polymer, free energy is stored through (a) perturbation of interatomic potentials, or bondstretching, and through (b) changes in the supra-entanglement molecular conformational entropy, and that these two contributions to the free energy are additive.
The constitutive model describes the material response to a deformation gradient tensor F in terms of the Cauchy stress tensor r. F is separated into volumetric and deviatoric parts, given respectively, by the following:
The stress tensor r is similarly separated into volumetric s m and deviatoric S parts, given by the following:
where K is the bulk modulus.
From the assumption of additivity of the bond-stretching and conformational free energies, the deviatoric stress can be expressed as the sum of (a) a bond-stretching stress S b and
Bond-Stretching Stress The bond-stretching part of the model mirrors our previous approach in the modeling of glassy polymers and only a brief treatment will be given here. The reader is advised to consult previous papers 11- 13, 23 for a more detailed discussion. The deviatoric rate of deformation tensor D can be computed from the isochoric velocity gradient tensor L, given by the following: where _ F is the time derivative of F. The deviatoric rate of deformation D is the sum of a linear elastic bond stretching part, and a part from the viscous flow of molecular segments. Following Wu and Buckley, 13 we use a multimode discrete spectrum of M modes
j is an objective, corotational, rate of change of the jth bond-stretching stress S b j (implemented as the Jaumann rate), G b is the bond-stretching shear modulus, t j represents the relative weighting of each mode, and s j is the relaxation time associated with the jth glassy mode. The glassy relaxation time is referred back to an unstressed relaxation time s Ã j;0 at a reference temperature T* and structural state T Ã f through shift factors for temperature, structure, and stress, respectively.
The material constants are as employed by Wu and Buckley: 13 DH is the activation enthalpy, T 1 is the Vogel temperature, C is the Cohen Turnbull constant, V s and V p are the shear and pressure activation volumes, and s b oct;j is the octahedral shear stress acting on the jth mode.
In this article, the structural evolution visible during mechanical deformation below T g as a yield peak and subsequent strain-softening, is modeled through a semi-empirical expression connecting the evolution of T f with viscoplastic strain 
where T f,0 and DT f are the initial fictive temperature and the increase in fictive temperature due to plastic strain, e v 0 is a material parameter, and e v is the equivalent viscoplastic strain invariant. Equation 8 neglects the rate dependence of DT f and e v 0 and does not provide for the prediction of T f,0 as a consequence of prior thermal history of the glass. If more predictive capability is required, it is necessary to provide a model for the kinetics of evolution of T f for example as suggested by Figiel et al. 37 
Conformational Stress
The conformational stress is computed via the ROLIEPOLY constitutive model, a simplified form of a full microscopic theory of linear entangled polymer melts. The ROLIEPOLY model has also been described in detail previously 28 and only a brief treatment will be given here. Since this study explores the applicability of the model to semi-solid states with high degrees of stretch and limited relaxation, it is necessary to employ a version of the ROLIEPOLY equation with finite chain extensibility, kindly provided by Dr D. J. Read of the University of Leeds. In this preliminary study, we do not consider the effects of convective constraint release (i.e., we take b ¼ 0 in the terms of Likhtman and Graham 28 ).
Following Likhtman and Graham, 28 we use a spectrum of N discrete ROLIEPOLY modes to represent the conformational stress and compute a stress in each mode from its corresponding orientation tensor T k . The orientation tensor is governed by the ROLIEPOLY differential equation, modified to allow for finite extensibility
where s 
where L À1 is the inverse Langevin function. In the numerical implementation, a Padé approximation to the inverse Langevin function is used. 38 The front factor in eq 10 ensures that F(1) is equal to unity for unstretched modes and that hence no retraction occurs.
After integration of eq 10 to obtain the orientation tensor, the stress in the kth mode is calculated from the following: 
where Z represents the number of entanglements. Although the theory was derived for monodisperse linear chains, we examine its applicability to a solid-state model for a typical commercial polydisperse material in this article, and in this case, use Z ¼ M w /M e .
The finite extensibility (FE) of the chains can be derived from molecular theory using an equivalent Kuhn chain between entanglements, following, for example, Wagner 43 and is given by
where n b is the number of bonds between entanglements, C 1 ¼ 10 is the characteristic ratio for PS, 44 and h b is the carbon-carbon backbone bond angle, which for PS is 109. 28 . 45 Using the value of M e obtained in this work gives k max ¼ 4.09; this value was used in all the simulations reported here.
Constitutive Model Parameters
To determine a discrete relaxation spectrum fitting the linear viscoelastic data, the procedure employed was as follows. Starting with the mode with the longest relaxation time, s d 1 , calculated from eqs. 12 and 14, one mode of s d was assigned per decade of time/frequency to cover the range of data of interest, following Likhtman and Graham. 28 The relative weights of the modes were calculated using a custom-built optimizer written in Matlab to minimize the rms error between the logarithms of the values of G 0 and G 00 as obtained by experiment and as calculated from the following:
Since the ROLIEPOLY constitutive model is based on entanglement physics, the following condition was imposed:
Hence, relative weights t k ¼ G k /G e were attributed to ROLIEPOLY modes until the sum of the modes reached the entanglement modulus G e , and relative weights t j ¼ G j /G b were attributed to the remaining (bond-stretching) modes, until the sum of the modes reached the bond-stretch modulus
This procedure is illustrated for material AG in Figure 6 .
The same procedure was used to obtain discrete spectra for the AF and R materials (not shown). To satisfy eq 16, five RP modes were required for materials R and AF, and six modes for material AG, and one mode occurring at x % 1/s e was partitioned between RP and glassy modes. A further 12 glassy modes were fitted for all materials. 
for Z k and then using the corresponding value of Z k in
As an illustrative example, the relaxation times for polymer AG shifted to 120 C are shown in Table 3 . At this temperature, s e ¼ 10.57 s.
The reader may find it surprising that a RP mode is present with a value of Z < 1. We attach no physical significance to this, but simply use the value of Z as a means of obtaining s R k associated with the prescribed s d k . Although the spectrum may appear coarse, and some lack of smoothness can be discerned in the calculated plots in Figure 6 , when a greater number of modes was used and more detailed spectra were obtained, no significant change could be observed in the calculations of stresses (to follow) at large deformations for the various procedures. For this reason, and with a view to extending the application to a numerical finite element implementation for solid-state deformation, the more computationally efficient representation using only one mode per decade was used throughout this article.
For the bond-stretch part of the model, where possible the material parameters follow the work on PS of Wu and Buckley. 13 In this work, the thermal history of the redrawn bars involved a quench, differing from that in the earlier work, and the redrawing occurs significantly closer to T g . For this reason, new values of DH, C, and T 1 have been found using an optimization routine applied to the shift factor measurements of Wu and Buckley at 110 C and above. Appropriate values of T f,0 , DT f , and e v 0 have been selected for the present data. The parameters used in the constitutive model simulations are summarized in Table 4 . For the RP part of the model, the material parameters used are summarized in Table 5 .
SIMULATION RESULTS
The first test of the constitutive model was to simulate melt rheology in the nonlinear viscoelastic regime and to compare its predictions with experiment. The model simulations are overlaid on the experimental data in Figure 2 .
The second test of the constitutive model was to simulate glassy-state compression yield and flow of isotropic specimens of PS at a range of temperatures below T g , for which experimental data and bond-stretch model parameters were provided by Wu and Buckley. 14 Model simulations are overlaid on the experimental data in Figure 7 .
The model was then applied to the experimental conditions outlined in Procedures I, II, and III. This involved simulating the following steps:
1. The melt stretching process at a nominal strain rate of _ e ¼ 0:02 s À1 at the prescribed temperature T to the prescribed draw ratio k. 2. Holding for the required dwell time t (assumed to be 1 s for cases where no dwell was specifically imposed). 3. A rapid quench, approximated by a decrease in temperature at a constant rate of 15 C/s down to a temperature of 0 C. 4. Unloading of the stress (simulated by a rapid contraction at a rate of _ e ¼ À1 s À1 ; the strain required to achieve unloading is between 0.1% and 0.3% depending on the drawing conditions). 5. Reheating to the glassy-state draw temperature of 96 C (simulated by a temperature rise at a constant rate of 0.8 C/s for 120 s).
Holding at 96
C for a time of 600 s (intended to simulate the time taken for the environmental chamber to acclimatize). 7. Uniaxial stretching at 96 C at a nominal strain rate of _ e ¼ 0:001k s À1 . (intended to simulate the stretching of oriented material at a nominal strain rate of _ e ¼ 0:001 s À1 calculated using its new length after the hot drawing).
As an illustrative example, the full simulation of a bar of polymer AG hot-drawn according to Procedure III at 115 C, followed by a 300 s dwell time before quenching, unloading, reheating, acclimatizing, and redrawing, is shown in Figure 8 .
In the simulation results shown below, only results from the final step (7) are shown. The ''nominal strain'' during the uniaxial stretching of the oriented material shown in the simulations was computed from the continuous measure of nominal strain e used in all the process as (e þ 1)/k À 1. This was to account for the fact that the measurement of strain in the experiments is computed relative to the new length of the bars after hot drawing and before glassy-state stretching. Figure 9 (a-c) shows model simulations of stresses versus nominal strain for the experimental conditions of Procedure I, for materials R (a), AF (b), and AG (c). The plots are intended to simulate the experimental measurements shown in Figure 3(a-c) and are shown on identical axes to illustrate the differences between the materials and to aid comparison with the data in Figure 3 . Figure 10 shows model simulations of stresses versus nominal strain for the experimental conditions of Procedure II, drawing at 105 C and varying the dwell time t for material R, and is intended to simulate the experimental measurements shown in Figure 4 . The plots are intended to simulate the experimental measurements shown in Figure 5 (a-c) and are again shown on identical axes to illustrate the differences between the materials and aid comparison with the data of Figure 5(a-c) .
DISCUSSION
It is helpful to consider the various experimental conditions in terms of the Weissenberg numbers associated with strainrate and the various relaxation times of the polymer. For
e is the Weissenberg number associated with the disengagement, or reptation time s AF d of polymer AF subjected to a strain rate _ e. As the samples were melt stretched at constant crosshead extension corresponding to a nominal strain rate _ e nom , the true strain rate _ e true is changing during stretching and is given by _ e true ¼ _ e=k. In the calculation of Weissenberg numbers used here, the nominal strain rate (equal to the true strain rate only at the beginning of melt stretching) is used. Weissenberg numbers associated with the longest Rouse time (Wi R ) and with the Rouse time of one entanglement length (Wi e ) are defined similarly in terms of the corresponding relaxation times s R and s e . A Weissenberg number much greater than unity indicates that relaxation does not occur during stretching, on the length scale associated with the corresponding relaxation time. 
FIGURE 8
Complete constitutive model simulation of the melt stretching process followed by a dwell time, quenching, unloading, reheating, acclimatizing, and restretching. Test parameters are for polymer AG drawn according to procedure III, at T ¼ 115 C, to k ¼ 3, followed by a 300 s dwell time before glassy-state uniaxial testing (T r ¼ 96 C, _ e ¼ 0:001 s À1 ). , corresponding to Wi e ( 1. In effect, this shows the performance of the RP part of the model in isolation, since the bond-stretch arm of the model is fully relaxed. As expected, the model captures all of the trends visible in the experimental data and is quantitatively reasonably accurate over the full range of conditions. It is noteworthy that the nonlinear features of the RP part of the model visible in Figure 2 were not fitted to the data, but arise naturally from the molecularly based model.
In Figure 7 , we consider the application of the model to the behavior of polymer R deep in the glassy state. Here, Wi R ) 1 and Wi d ) 1 over all the experimental data range. The simulations illustrate the performance of the bond-stretch part of the model in isolation. No relaxation occurs in the RP part of the model under these conditions, and the conformational stresses contribute a very small proportion of the total stress. Again, unsurprisingly, the model is able to capture adequately the yield peak and subsequent yield drop, and also qualitatively predicts the temperature dependence of the flow stress following yield relatively well, as was demonstrated previously. 13 The simulations present in Figures 9-11 apply the model to the much more challenging cases of drawing in the glassy state following stretching in the melt. Figure 9 shows the consequences of melt stretching according to Procedure I. Here, the melt stretching was simulated at a rate and a range of temperatures specifically designed to cut across the fundamental relaxation times as much as possible. For instance, whereas the lowest melt stretch temperature of 105 C corresponds to Wi e % 100, the highest melt stretch temperature of 135 C corresponds to Wi e ( 1 and Wi with decreasing melt stretch temperature. Quantitatively, however, the simulations become increasingly less accurate as the draw temperature is decreased. At lower draw temperatures, the onset of strain hardening occurs much earlier in the experimental data than in the simulations, and stresses are underestimated by the model. This suggests a contribution to the orientation arises from length-scales shorter than are represented in the constitutive model.
In the simulations of Figure 10 , the model is applied to polymer R oriented at a temperature of T ¼ 105 C, followed by a varying dwell time before freezing. The simulated ''melt stretch'' here actually occurs at Wi e ) 1. The experimental data of Figure 4 illustrate that even short dwell times of a few seconds lead to visible delay in the onset of strain hardening. This is further evidence for the presence of a relaxation process affecting the flow stress and the onset of strain hardening whose associated timescale is less than s e . This means that the length scale associated with this process is shorter than an entanglement length. The constitutive model simulations, on the other hand, become increasingly similar for dwell times less than 100 s. This is because within the model, there are no processes that recognize orientation below a timescale of $s e , since all modes with associated length scales shorter than an entanglement are modeled in terms of an intrinsically isotropic viscoelastic process.
The simulations of Figure 11 explore the effect of varying the degree of stretch in melt stretching at T ¼ 115 C followed by 300 s dwell time before quenching. Here, the fundamental relaxation times are s e ¼ 65 s, s When compared with the experiments of Figure 5 , the model simulations can be seen to be qualitatively correct, exhibiting all the major features of the experimental data: only small changes in yield stress, increase in strain-hardening with molecular weight, and a substantially earlier onset of strainhardening with increasing degree of melt stretch. A quantitative comparison, however, reveals that, with increasing strain, the experimental data exhibit larger stresses than those seen in the simulations, across the range of conditions. In summary, the new constitutive model gives good quantitative agreement with measurements on isotropic materials deep in the glassy state and deep in the melt state. This is no great surprise since it combines two models previously shown to perform well under these conditions. The present results show it is also able to capture qualitatively all of the features seen in glassy-state drawing of melt stretched polystyrene. Agreement here extends to the effects of melt stretch temperature, the degree of stretch, and polymer molecular weight. Quantitative shortcomings of the model are most evident in experiments where stretch of sub-entanglement length scales is taking place. Another feature of the results that can help shed light on this is the yield stress of oriented glassy polystyrene.
The effect of molecular weight on compressive yield stress in isotropic monodisperse PS was investigated by Wu and Buckley. 13 They measured an experimental rate of change of yield stress with 1/M n to be R y ¼ 3.1 6 1.2 Â 10 5 MPa g mol À1 . They accounted for this by consideration of the effect of chain ends on the Vogel temperature and presented a quantitative means to incorporate this in a constitutive model, which, for the sake of simplicity, was not included in the simulations of this article.
In our experiments on oriented PS, the effects of molecular weight on yield stress manifest themselves through two distinct mechanisms: (A) a change in the number density of chain ends, leading to a change in the Vogel temperature, and hence the structural relaxation times, as pointed out by Wu and Buckley; and (B) a change in the length of chains, and hence in the conformational relaxation times associated with those lengths. In our materials, Wu and Buckley's measurement of R y accounts for a difference in isotropic yield stress of 2.4 6 0.9 MPa between materials R and AF and of 3.0 6 1.1 MPa between materials R and AG. We wish to isolate the effects of process (B) from the chain end density effects. To do this, for each of our experimental measurements in Figure 3 , we calculate the value of an effective yield stress corresponding to an equivalent polymer with no chain ends, s y,1 , from Figure 12 shows values of s y,1 computed from the data of Figure 3 , plotted versus Wi e . In the region where Wi e < 1, all the materials exhibit a drop-off in yield stress with decreasing orientation, measured by Wi e . The origin of this is a gradual relaxation of the conformational stress, reflecting molecular orientation that relaxes through reptation. This ARTICLE is consistent with the structure of the constitutive model, whose longest conformational relaxation time is the reptation time of the polymer and whose shortest relaxation time is associated with the entanglement length scale.
The ROLIEPOLY part of the model is coupled in parallel with the bond-stretch part, such that the conformational stress makes a contribution to the yield stress. When Wi e exceeds unity, however, the effective yield stress measurements exhibit a substantial increase with increasing Wi e that appears approximately independent of molecular weight. This must reflect orientation occurring on a sub-entanglement length scale (Wi e > 1), previously observed experimentally on PMMA by Wendlandt et al. using solid-state NMR 46 and by Casas et al. using neutron scattering. 47 It is further evidence that sub-entanglement orientation leads to more anisotropy of yield than is accounted for just by the conformational stress. The constitutive model does not at present capture this phenomenon. This is not surprising since in the model all modes corresponding to length scales shorter than an entanglement are modeled in terms of an intrinsically isotropic viscoelastic process, with no recognition of sub-entanglement orientation.
A clear message emerges from this accumulated evidence. The new model is successful in capturing the effects of molecular orientation induced in the melt on length-scales greater than an entanglement. It fails quantitatively when prior stretching involves shorter length-scales. This probably reflects the contribution from a further phenomenon (labeled process II earlier in this paper) that causes other discrepancies between the current model and experiment when applied deep in the glassy state, such as the recorded strain rate and temperature effects on the apparent strain hardening. 18, 20, 21 It is clear that orientation of molecular segments on a sub-entanglement length scale must also contribute to the development of anisotropy in the glassy state, but this is not yet recognized in the current model. A suggestion for how this could be done by recognizing the bond-stretch viscoelasticity as being intrinsically anisotropic has been proposed by Buckley. 22 Another approach to capturing this effect in a glassy-state constitutive model was suggested by Wendlandt et al., who introduced an empirical variation of Eyring activation volume with strain. 20 A physically based constitutive model that accounts fully for the stretching of subentanglement Rouse modes is currently lacking.
Another means of testing the ability of the current model to predict molecular orientation resulting from melt stretching is to compare its prediction of frozen-in optical birefringence with experimental measurements. Such a study was carried out by the authors as part of the present project and results will be reported elsewhere.
CONCLUSIONS
A systematic experimental study has been made of the effects of molecular orientation on glassy-state viscoplastic deformation in atactic polystyrene, in which the roles of molecular weight, and parameters of the melt stretching history have been examined. The data have been compared with predictions made with a new framework for constitutive modeling of processed oriented polymers based on parallel coupling of two existing melt state and glassy-state models. The new combined glass-melt model is parameterized through its full linear viscoelastic spectrum, known molecular parameters of polystyrene, and additional parameters needed for capturing viscoplastic deformation of a glass.
When the model is assessed against results of nonlinear rheological experiments in the melt and uniaxial compression experiments deep in the glassy state, it is found to be quantitatively successful in capturing the material rheology. The model can also simulate the effects of processing conditions on frozen-in orientation, and its effects on polymer response in subsequent large deformations in the glassy-state. The model captures qualitatively all of the features seen in the experimental results, and also has the advantage of a molecular basis for the prediction of orientation. There are, however, quantitative shortcomings in the current model's predictions. These are predominant when the time-temperature conditions of melt stretching lead to molecular orientation on a sub-entanglement length-scale, since the model presented here contains no representation of intrinsic anisotropy on this length-scale.
39 Note that in our modeling approach, the hydrostatic component of the stress is handled separately and linearly, see eq 2, and hence, we require the full component of each ROLIEPOLY stress r c k to be zero with no applied load. That is why we subtract the identity tensor from T k in eq 11 before multiplication with G e . Also, since we are attributing only the deviatoric part of the stress to the RP terms, for each mode, S c k is taken to be the deviatoric part of r 42 It has been recognized in the literature that although c m ¼ 1 can produce marginally more precise fits to the linear rheological experimental data, a value of c m ¼ 0.1 is more consistent with nonlinear rheology and generally thought to be more realistic. The parameter is connected with convective constraint release, a mechanism which is not dominant in the linear regime. For our purposes, the main consequence of a change in c m is in the value of M e that is obtained from the optimization. For example, a value of c m ¼ 0.1 leads to parameters G e ¼ 318 kPa, M e ¼ 13.1 kg/mol, and s e ¼ 0.000714 s at the reference temperature T* ¼ 170
C. The quality of the fit to the linear data is marginally worse. A change in the value of M e subsequently leads to a change in the value of k max through eq 14.
We are not in a position to be able to use the present experimental data to identify the correct value of k max , and hence indirectly of M e and c m , and therefore, we proceed with c m ¼ 1.
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